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Abstract
The research and development history of titanium-aluminum intermetallic com-
pounds is reviewed across four stages: the initiation period (1974–1985), the
boom period (1986–1995), the rise period (1996–2005), and the stage of specific
applications (2006–present). Milestone events that played a dominant role in
the development of titanium-aluminum alloys in each stage are discussed, and
the main progress in six aspects is briefly summarized: alloying, microstructure
categories, primary processing (melting), secondary processing (hot working),
properties, and tertiary processing (forming). Five challenges facing the future
development of titanium-aluminum alloys are proposed: further advancement
of cast alloys and casting technologies, low-cost wrought alloy technology, devel-
opment of third-generation alloys, new applications based on novel preparation
technologies, and development of new forming processes.
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Abstract
The history of research and development of 𝛾-TiAl intermetallic alloys is out-
lined and divided into four stages: starting (1974–1985), revolutionary (1986–
1995), emerging (1996–2005), and specialty materials (2006–). Major events and
landmarks at the different stages are recounted to provide a framework for un-
derstanding scientific and technological progress. Key advances in the following
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six areas are reviewed: alloying, microstructure type, primary processing (melt-
ing), secondary processing (hot working), properties (including creep, fracture
and fatigue, and oxidation), and tertiary processing (forming, covering both
investment casting and near-net-shape powder metallurgy). Future challenges
are identified as follows: improvement of centrifugal casting technology, low-
cost wrought process, development of third-generation alloys that meet design
specifications, new applications based on new technologies, and viability of new
forming routes such as additive manufacturing.

Keywords
𝛾-TiAl intermetallic alloy, cost-effective processing route, application, future
challenge

1.1 Starting Stage (1974–1985)
TiAl has a density only half that of nickel-based superalloys and could poten-
tially replace superalloys in certain aerospace structural components and ground
power system rotating or reciprocating parts operating in the 600–900 °C tem-
perature range, enabling substantial improvements in thrust-to-weight ratio and
fuel efficiency. Although the excellent high-temperature strength and creep re-
sistance of 𝛾-TiAl were recognized in the mid-1950s, and its oxidation resistance
could be improved by adding Ta, Nb, and Ag [1], research on 𝛾-TiAl truly be-
gan in the mid-1970s. Shechtman et al. [2] and Lipsitt et al. [3] studied the
deformation and fracture mechanisms of 𝛾-TiAl and found that, regardless of
annealing treatment, Ti-50Al alloys always exhibited a 𝛾-TiAl + 𝛼2-Ti3Al two-
phase lamellar microstructure under transmission electron microscopy, making
it difficult to identify deformation dislocations in the 𝛾-TiAl phase. Conse-
quently, they prepared Al-rich Ti-54Al single-phase alloys to determine the slip
systems of the 𝛾 phase. Regarding the appearance of the 𝛼2 phase in Ti-50Al
alloys, Shechtman et al. [2] initially attributed it to the alloy composition ly-
ing within the 𝛾 + 𝛼2 two-phase region. The exact position of the 𝛾-phase
region boundary has long been a point of controversy in the Ti-Al binary phase
diagram. The most authoritative version currently available is that evaluated
by Schuster and Palm [4] in 2006 based on over 370 relevant literature sources,
shown in [Figure 1: see original paper]. According to this diagram, the Ti-50Al
alloy lies within the single-phase 𝛾 region, but because the primary solidification
phase is 𝛼 (which undergoes ordering to become 𝛼2), 𝛾 appears as a secondary
phase at grain boundaries accompanied by Al segregation. Only when the Al
content exceeds 55 at% does 𝛾 become the primary phase [5]. The volume frac-
tion of the 𝛾 phase depends on solidification rate: for Ti-50Al alloys, it is only
about 0.3 in arc-melted button ingots and approximately 0.5 in investment cast
ingots.

The accuracy of the 𝛾-phase region boundary in the phase diagram thus depends
on whether the non-equilibrium microstructure caused by Al segregation can
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be effectively eliminated. Furthermore, if impurity elements (such as O) have
significantly different solubilities in the two phases, the phase boundary position
also depends on the impurity content in the alloy. Greater controversies concern
the high-temperature region, where two questions related to ordering reactions
remain unresolved: First, whether the 𝛽 phase in the Ti-Al binary system orders
to a B2 phase—some studies [6,7] suggest this ordering reaction occurs, while
others [8] argue it is impossible, with [Figure 1: see original paper] adopting
the latter view. Second, although it is confirmed that the 𝛼 phase transforms
to 𝛼2, it remains uncertain whether this occurs through an 𝛼 + 𝛽 peritectoid
reaction [6] or through a congruent ordering reaction [8,9]. These issues fully
demonstrate the complexity of the Ti-Al binary phase diagram, and the version
evaluated by Witusiewicz et al. [10] in 2008 is not entirely consistent with [Figure
1: see original paper].

From 1974–1982, Pratt & Whitney Aircraft conducted the first round of TiAl
materials research [11], screening out the first practically valuable alloy composi-
tion in 1979: Ti-48Al-1V-0.1C, and conducting extensive studies on mechanical
properties, forming processes, and typical test components. This alloy is gener-
ally considered representative of first-generation TiAl alloys. It exhibited good
fracture toughness, machinability, and castability, but low room-temperature
ductility and impact properties, with castings prone to surface porosity. Typi-
cal structural components cast from this alloy included F100 engine compressor
blade blanks [11] and JT9D engine low-pressure turbine blades [12]. Between
1974 and 1985, only about 15 papers on 𝛾-TiAl were published worldwide [12];
these early pioneering works laid the foundation for the explosive growth of
research in the next stage and pointed the general direction forward.

Advanced materials, particularly structural materials for demanding environ-
ments, generally experience four stages from concept to application ([Figure 2:
see original paper]) [13]. During the revolutionary stage, materials are described
as transformative. When the enthusiasm cools, the material enters a challeng-
ing valley of death where research activity is low; the material is then described
as emerging. This stage is typically long, and in fact, most advanced materials
never escape this“valley of death”[14]. Once the technical challenges are over-
come and the material is first applied under the pull of an important demand,
it enters the third stage of achieving specific applications. Only after issues of
material stability, cost, and supply chain are properly resolved does the material
become a commercial or off-the-shelf material. In these two stages, the material
gradually matures. To date, the development history of 𝛾-TiAl alloys basically
follows the pattern shown in [Figure 2: see original paper]. Based on the devel-
opment history of the 4822 alloy (Ti-48Al-2Cr-2Nb), which was first industrially
applied in GE engines, the approximate time nodes for each development stage
of 𝛾-TiAl alloys can be identified.
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1.2 Revolutionary Stage (1986–1995)
Aoki and Izumi [15] discovered in 1979 that B could improve the room-
temperature ductility of Ni3Al, and further research showed that the effect
of B in improving Ni3Al ductility was quite significant [16], sparking a surge
of interest in intermetallic compound research. In the Ti-Al system, early
expectations for Ti3Al were much higher than for TiAl, but as research
progressed, the importance of TiAl surpassed that of Ti3Al [17].

The revolutionary stage began with the emergence of two typical second-
generation 𝛾-TiAl alloys, namely the 4822 alloy and 45XD (Ti-45Al-2Mn-
2Nb-0.8 vol% TiB2), and ended with the convening of the first International
Conference on 𝛾-TiAl organized by TMS [18]. During this decade, both 4822
and 45XD completed a full cycle from alloy melting to testing of typical
structural components, with research progress documented in references [5,19–
23].

The 4822 alloy, developed by GE, remains the 𝛾-TiAl alloy with the highest
room-temperature ductility to date. In 1988, GE recognized the engineering
development value of this alloy and, after comprehensive comparison, identified
casting as the preferred process route, beginning casting process research in 1989.
The weight reduction requirement for the GE90 engine drove recognition of the
importance of 𝛾-TiAl alloys, leading to the decision to conduct experimental
research on manufacturing stage 5 low-pressure turbine blades using the 4822
alloy in the CF6-80C engine program [24]. Howmet cast the blade blanks, which
were then electrochemically machined to final dimensions, and engine testing
was conducted for 1,529 cycles during 1993–1994. In 1995–1996, a seal support
ring for the F414 engine was manufactured and tested.

The 45XD alloy was developed under the National Aerospace Plane (NASP)
program as a joint research project undertaken by Lockheed Martin and 14
other organizations. From the mid-1980s to mid-1990s, Howmet and Rolls-
Royce conducted application development for typical components using this
alloy. Howmet developed precision casting technology for the alloy [25] and
accumulated extensive data on material properties, processes, and structural
component design and manufacturing.

During the same period, ABB developed the 47WSi alloy (Ti-47Al-2W-0.5Si)
and conducted application research and component testing for industrial gas
turbine blades and automotive engine components [18].

These three alloys all belong to the second generation of 𝛾-TiAl alloys,
each with distinct performance characteristics [18]: 4822 has the highest
room-temperature ductility; 45XD has good castability, optimal as-cast
microstructure, and excellent high-temperature strength and fatigue prop-
erties; and 47WSi alloy exhibits superior high-temperature (760 °C) creep
performance.
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1.3 Emerging Stage (1996–2005)
In this stage, research became more focused on process and processing methods
for specific applications. For example, the U.S. PRET project [26] primarily in-
vestigated pathways for transitioning basic 𝛾-TiAl research results to technology,
covering: defects and impurities in casting and forming, microstructure evolu-
tion and characterization, property scatter and its causes, notch strengthening
and size effects under uniaxial loading, surface damage and foreign object dam-
age, and fatigue behavior of different microstructure types. NASA-supported
durability research on 𝛾-TiAl alloys included impact fatigue, impact process sim-
ulation, and wear [27]. Surface integrity was also an important research theme
[28]. These were all critical issues that had to be resolved for 𝛾-TiAl alloys to
be used as rotating component materials in aeroengines.

Progress was achieved in applying 𝛾-TiAl alloy components to high-temperature
reciprocating or rotating parts such as automotive turbocharger impellers and
exhaust valves. Japan pioneered the use of cast 𝛾-TiAl turbocharger impellers in
racing and other high-end automobiles [29], while several countries, particularly
Germany, investigated cast and wrought 𝛾-TiAl exhaust valves. Under the EU
Sixth Framework Program, Germany’s TRW Company, the University of Birm-
ingham in the UK, and the Institute of Metal Research of the Chinese Academy
of Sciences jointly studied ceramic crucible melting and casting processes for
exhaust valve components [30,31]. Using ceramic crucibles instead of water-
cooled metal crucibles increased O content and reduced ductility, but improved
melt superheat and yield while reducing energy consumption and manufactur-
ing costs during melting [32]. Cost is the primary factor limiting the application
of 𝛾-TiAl automotive engine components. From this perspective, casting is the
preferred process. However, to date, large-scale application of 𝛾-TiAl alloys in
the automotive industry has not been realized.

The stable service temperature for second-generation 𝛾-TiAl alloys in aeroengine
blades is 650 °C. To further increase the service temperature, third-generation
alloys need to be developed. During this stage, researchers worldwide proposed
many compositions, but few underwent comprehensive property evaluation, and
even fewer met application requirements. These alloys can be broadly divided
into three categories [33]: high-niobium alloys, 𝛽-solidifying alloys, and massive
transformation alloys.

High-niobium alloys were first proposed by Chen et al. at the University of
Science and Technology Beijing [34], and extensive work on these alloys was
conducted by the GKSS Research Center in Germany [35]. High-niobium alloys
are characterized by good high-temperature creep and oxidation resistance, but
suffer from low room-temperature ductility and casting difficulties. Wrought
processes can improve room-temperature ductility to some extent, but Al segre-
gation issues remain to be resolved [36].

Massive transformation alloys are those in which the high-temperature 𝛼 phase
transforms directly to the 𝛾 phase without diffusion at moderate cooling rates
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(approximately 102 K/s). The relationship between microstructure and cooling
rate for the Ti-46Al-8Nb alloy is shown in [Figure 3: see original paper] [37]. As
the cooling rate increases, the alloy sequentially develops lamellar microstruc-
tures (including Widmanstätten and feathery lamellar), massively transformed
𝛾 phase, and supercooled retained 𝛼2 phase. When heat-treated in the 𝛼2 + 𝛾
two-phase region, lamellar 𝛼 precipitates from four {111} planes of the 𝛾 phase
following the Blackburn orientation relationship [38], producing a near-isotropic
fine-grained microstructure. Massive transformation can effectively refine the
as-cast grain structure and improve texture, but typically requires higher cooling
rates, which may cause alloy cracking due to thermal stresses. The University
of Birmingham systematically studied the conditions and influencing factors of
massive transformation in 𝛾-TiAl alloys, finding that fine-grained alloys formed
by B addition [40] and alloys with high O content [41] are both difficult to
undergo massive transformation.

Since massive transformation is a diffusionless displacive transformation, adding
refractory metals that are difficult to diffuse can generally promote massive
transformation. However, refractory metals all have high densities, and as al-
loying elements they increase the density of 𝛾-TiAl alloys. 𝛽-solidifying alloys
were first explicitly proposed by Naka et al. [42], where the initial solidification
phase is 𝛽 and 𝛽 is the only phase coexisting with the liquid. In fact, many
high-niobium alloys also belong to this category. It should be noted that the
previously mentioned second-generation alloy 45XD was already a 𝛽-solidifying
alloy, although this was not emphasized at the time. If the initial solidifica-
tion phase is 𝛽, then due to the Burgers orientation relationship [43], the basal
plane of the 𝛼 phase precipitates parallel to the six {110} planes of the 𝛽 phase,
resulting in a near-isotropic fine-grained microstructure, similar to the grain
refinement principle in massive transformation alloys. Subsequent 𝛼 + 𝛾 trans-
formation can produce a weakly textured fine lamellar microstructure. Kim et
al. [44] referred to such alloys as 𝛽-𝛾 alloys. A joint research group composed
of German and Austrian universities, research institutions, material companies,
and engine companies conducted in-depth studies on 𝛽-solidifying alloys [45,46],
developing the Ti-43Al-4Nb-1Mo-0.1B alloy (TNM). The guiding principle was
to obtain a high volume fraction of 𝛽 phase at high temperatures through alloy-
ing, enabling the alloy to be forged using conventional equipment by exploiting
the relatively easy deformability of the 𝛽 phase. At the application temperature
near 700 °C, the equilibrium volume fraction of 𝛽 phase is very low, which helps
eliminate this phase as much as possible to avoid reducing creep resistance. In
practice, depending on the alloy composition, the 𝛽 phase in some alloys is dif-
ficult to completely eliminate, leading to reduced room-temperature ductility
and formation of 𝜔 phase in the 𝛽 phase during long-term service at application
temperatures, causing further embrittlement [47].

In June 2006, GE announced that it would adopt the 4822 alloy for manufac-
turing stage 6 and 7 low-pressure turbine blades in the GEnx engine [48]. This
marked the first application of a key structural component made from 𝛾-TiAl
alloy, signifying that after approximately 30 years of research and development,
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this material finally broke through barriers and entered the specialty materials
stage.

With the industrial application of second-generation 𝛾-TiAl alloys, scientific and
technological issues related to product manufacturing processes, supply chains,
and quality stability became research priorities. From the perspective of ap-
plication cost, casting is currently the only acceptable manufacturing process.
However, because net-shape precision casting is extremely difficult, the process
adopted by PCC Precision Castparts for producing 4822 alloy blades for GE
involves first gravity casting an oversized blank, then machining it to final di-
mensions [49]. Due to the curved airfoil shape and the difficulty of machining
TiAl, manufacturing costs remain high. By 2014, PCC’s annual production of
TiAl blades had reached nearly 40,000 pieces [50].

Accumulating relevant data and application experience under industrial produc-
tion conditions requires strong support from fundamental research. Targeting
aeroengine 𝛾-TiAl alloy turbine blade applications, the EU Sixth Framework
Program launched the IMPRESS project [51,52], conducting five years (2005–
2009) of vertically and horizontally integrated research on critical applications
of intermetallic compounds. Through the IMPRESS project, Europe integrated
fragmented 𝛾-TiAl fundamental research and moved to the international fore-
front [53]. In 2011, China’s 973 Program launched a project on lightweight
high-temperature TiAl intermetallic compounds.

2 Main Research Progress
After nearly 40 years of research, 𝛾-TiAl alloys have achieved tremendous
progress in both fundamental science and application technology. In addition to
numerous journal papers, the proceedings of five international conferences have
comprehensively documented these stage-by-stage research advances [18,54–
57]. In 2011, Appel et al. [33] published the monograph Gamma Titanium
Aluminide Alloys: Science and Technology, providing a systematic summary
of research in this field. These proceedings and monographs comprehensively
introduce the current research status of 𝛾-TiAl alloys. This article only briefly
reviews the main research progress from six aspects: alloying, microstructure
categories, primary processing (solidification), secondary processing (hot
working), properties, and tertiary processing (forming).

2.1 Alloying
For 𝛾-TiAl alloy composition design, the first step is selecting the Al content,
one of the two main elements, which can be varied between 42–48 at% as needed.
As Al content increases, oxidation resistance improves, strength decreases, and
room-temperature ductility generally shows an increasing trend. However, for
different alloy systems and processing routes, the situation is more complex, and
ductility data show no clear pattern. This is primarily because microstructure
type and texture also significantly affect room-temperature ductility. Overall,

chinarxiv.org/items/chinaxiv-202303.00505 Machine Translation

https://chinarxiv.org/items/chinaxiv-202303.00505


the most obvious effect of Al content is on the solidification category; only
low-Al alloys can achieve 𝛽-solidification, with the specific Al content boundary
depending on other added elements and their amounts.

Alloying elements in 𝛾-TiAl can generally be divided into three categories [17,33],
occupying definite positions in the periodic table. The first category lies to
the right of Ti (V, Cr, Mn), which can improve alloy ductility, though the
mechanisms differ and remain unresolved. For example, V is believed to improve
intermediate-temperature ductility but has little effect on room-temperature
ductility [11]. Mn is thought to favor twin deformation [58], while Cr reduces
the c/a ratio of the 𝛾-phase unit cell, weakens covalent bond directionality,
decreases 𝛼2-phase volume fraction, and refines grains [59,60].

The second category comprises refractory metals located to the lower right of
Ti (Nb, Mo, Ta, W). These are all slow-diffusing elements; small additions can
improve high-temperature properties such as strength, oxidation resistance, and
creep resistance. These refractory metals all have a bcc structure and stabilize
the 𝛽 phase; large additions tend to form 𝛽/𝛽0 phases (𝛽0 has a B2 structure),
which have complex effects on high-temperature properties [61,62] due to pre-
cipitation of 𝜔 phase or 𝜔-like phases [63,64]. These elements can be further
divided: Mo, Ta, and W mainly dissolve in the 𝛼2 phase, while Nb partitions
nearly equally between 𝛾 and 𝛼2 phases [42]; the effects of Mo, Ta, and W on
high-temperature creep performance are related to their selective partitioning
in the 𝛼2 phase. Due to the 𝛼 → 𝛾 + 𝛼2 peritectoid reaction in 𝛾-TiAl al-
loys, for compositions away from the peritectoid point, the volume fraction of 𝛾
suddenly increases when cooled below the peritectoid reaction temperature [33].
However, in practice, cooling rates are too fast to achieve phase equilibrium,
resulting in actual 𝛼/𝛼2 volume fractions higher than equilibrium values, which
gradually decompose during long-term thermal exposure at service tempera-
tures [63]. Studies [65] show that during creep, W segregates at 𝛼2/𝛾 interfaces
due to 𝛼2-phase dissolution, thereby slowing 𝛼2 dissolution. Particularly when
𝛼2-phase dissolution proceeds mainly by interface sweeping of steps, W segrega-
tion near steps is especially pronounced, even inducing B2-phase precipitation.
These factors all hinder 𝛼2-phase dissolution and improve lamellar microstruc-
ture stability.

The situation with Nb is different and more complex. The strengthening mech-
anism of Nb, especially in high-niobium alloys, has long been controversial.
Proposed mechanisms include low-Al-content strengthening [66], solid solution
strengthening by Nb [67], and anti-structural bridge (ASB) strengthening [68].
However, calculations by Woodward et al. [69] show that Al anti-site atoms pro-
vide significant strengthening, while Ti anti-site atoms are weak. Solid solution
strengthening by Nb is also weak. Thus, low-Al-content strengthening and Nb
solid solution strengthening cannot explain the high strength of high-niobium
alloys. ASB strengthening is similar to Snoek atmospheres, consisting of an
anti-site atom bound to a vacancy that attracts and impedes dislocation mo-
tion. However, calculations [70] show that both types of ASBs on the Ti-rich
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side increase system energy, while ASBs form more readily on the Al-rich side,
making the ASB mechanism also unable to explain the high strength of high-
niobium alloys. At low Nb contents, experimental and computational results
both indicate that Nb occupies Ti sublattice sites in TiAl [71]. At high Nb con-
tents, calculations [70] show that Nb switches to occupying Al sublattice sites
and forms short-range order on this sublattice. This short-range order provides
significant strengthening that persists to high temperatures, offering a plausible
explanation for the high strength of high-niobium alloys [70,72].

The third category includes elements in the upper right of the periodic table:
B, C, Si, and in some sense O and N can also be considered alloying elements.
B is an important element; Bryant et al. [73] first reported that adding TiB2 to
cast 𝛾-TiAl alloys had a grain-refining effect, and adding elemental B to form
TiB2 has the same effect. However, the grain refinement mechanism is complex
[74], with effectiveness depending not only on Al content [75] but also on other
alloying elements [76]. Depending on alloy system and reaction kinetics, borides
have complex and variable structures and morphologies [77]. Hecht et al. [76]
studied the grain-refining effect of low B content in high-niobium alloys, finding
that in 𝛽-solidifying alloys, as long as the B content exceeds its solubility in
the 𝛽 phase, the formed borides can provide heterogeneous nucleation sites for
the 𝛼 phase, thereby significantly refining 𝛼 grains. However, once peritectic 𝛼
appears, the refining effect is greatly reduced.

C can substantially improve the creep resistance of 𝛾-TiAl alloys; for example,
adding 0.2 at% C can increase the creep resistance of Ti-48Al-1V by six times
[11], and similar effects are observed in TNM alloy with 0.2 at% C addition
[78]. However, C significantly reduces room-temperature ductility, particularly
in cast alloys. The strengthening effect of C mainly originates from MAX phase
precipitates [79,80]. After thermomechanical processing, MAX phase carbides
can be refined to tens of nanometers and can even become heterogeneous nucle-
ation sites for nano-twins, thereby relieving stress concentration and improving
plastic deformation [81]. The embrittling effect of C on as-cast alloys likely
stems mainly from the coarse size and distribution morphology of carbides.

Small amounts of Si (below 1 at%) in 𝛾-TiAl alloys mainly form Ti5Si3 phase,
thereby improving creep strength and enhancing microstructural stability by
hindering dynamic recrystallization [82,83]. Although the crystal structures
of Ti5Si3 and 𝛾-TiAl differ considerably, geometric analysis and electron mi-
croscopy show that the two have an almost fully coherent interface [84]. The
low interfacial energy gives Ti5Si3 high stability, making it resistant to Ostwald
ripening; even when coarsening occurs, it does not easily lose coherency with
𝛾-TiAl.

O and N affect 𝛾-TiAl alloy properties similarly to C; for example, O is used to
enhance creep resistance [23]. The solubility of O in the 𝛾 phase is only about
0.03 at% [85,86]; therefore, different O contents provide both solid solution
strengthening and precipitation strengthening (Al2O3) in 𝛾-TiAl alloys, but
degrade room-temperature ductility. For instance, adding 0.3 at% O increases
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the room- and high-temperature yield strength of Ti-50Al alloy by 1.5 times,
while increasing O content from 0.03 to 0.08 at% reduces elongation by about
2–3 times [87,88].

Other elements (such as Zr, Re, Fe) are uncommon in 𝛾-TiAl alloys but have
been studied. Zr is in the same group as Ti in the periodic table; adding it to
𝛾-TiAl reduces the 𝛾-phase c/a ratio, thereby promoting isotropic deformation
[89]. Meanwhile, Zr has a smaller atomic volume than Ti, providing solid solu-
tion strengthening, and Zr slightly increases bond directionality in the 𝛾 phase,
increasing the lattice resistance to dislocation slip and providing strengthening.
From an electronic structure perspective, Fe has a strong effect because Fe-Ti
and Fe-Al bonds have similar bond strengths [71]; therefore, adding Fe may re-
duce the sensitivity of 𝛾-TiAl alloy properties to Al content. The Ti-45Al-1.3Fe-
1.1V-0.25B alloy developed by Japan’s IHI Corporation includes Fe addition.
Re is an extremely critical and expensive element in single-crystal superalloys;
due to cost and density considerations, it is extremely rare as an alloying ele-
ment in 𝛾-TiAl, with only the G4 alloy (Ti-47Al-1Re-1W-0.2Si) developed by
the French National Aerospace Research Center using it [90]. Notably, Re and
W are both refractory elements but have different crystal structures (Re has
an hcp structure) and strengthening mechanisms in 𝛾-TiAl alloys. The creep
resistance of the G4 alloy, which has the lowest creep rate, does not depend on
the lamellar microstructure but on the deformation substructure; the Re-rich
interdendritic 𝛾 phase determines the alloy’s high creep resistance [91].

2.2 Microstructure Categories
Like other intermetallic compounds, the properties of 𝛾-TiAl alloys depend not
only on microstructure but are also sensitively dependent on defects introduced
by solidification and hot working. For certain microstructure morphologies, tex-
ture causes strongly anisotropic properties. This discussion of microstructure
will be combined with solidification reactions and hot working, without a dedi-
cated section. However, for narrative convenience, the microstructure categories
of 𝛾-TiAl alloys are briefly introduced here.

For 𝛾 + 𝛼2 two-phase alloys, four general microstructure types can be obtained:
near-𝛾, duplex, near-lamellar, and fully lamellar. These four microstructures
can be obtained through heat treatment at different temperatures in the 𝛾 +
𝛼 two-phase region shown in [Figure 1: see original paper] [19]. For any given
composition, the intersection temperature of its vertical line with the 𝛼/𝛾 + 𝛼
phase boundary is T𝛼, and the eutectoid temperature is Te (1120 °C in [Figure
1: see original paper]). The segment between T𝛼 and Te can be divided into
upper, middle, and lower sections.

Heat treatment in the lower temperature range typically yields a near-𝛾 mi-
crostructure consisting of relatively coarse 𝛾 phase and finer 𝛾 phase pinned by
𝛼2 particles. Heat treatment in the middle temperature range produces a duplex
microstructure with approximately equal volume fractions of 𝛾 and 𝛼 phases,
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whose competitive growth leads to relatively fine grain sizes. Heat treatment in
the upper temperature range yields a near-lamellar microstructure composed of
coarse 𝛼 lamellar grains and a small amount of 𝛾 grains. Short-term heat treat-
ment above T𝛼 followed by cooling produces a fully lamellar 𝛾 + 𝛼2 two-phase
microstructure. The lamellar planes are parallel to the basal plane of the 𝛼2
phase and the {111} planes of the 𝛾 phase, with 𝛾 precipitation from 𝛼 following
the Blackburn orientation relationship [38]. This reaction is exactly opposite
to massive transformation (where 𝛼 precipitates from rapidly cooled metastable
𝛾).

2.3 Melting and Solidification Reactions
Melting raw materials and master alloys to produce ingots is the foundation for
all subsequent processing and forming. It directly affects the as-cast microstruc-
ture, texture, and distribution of alloying elements, and also significantly influ-
ences hot working processes such as isothermal forging and hot extrusion, as
well as powder metallurgy processes.

As seen in [Figure 1: see original paper], the high-temperature region of 𝛾-TiAl
alloys contains two peritectic reactions within a relatively narrow Al content
range, making the microstructure very sensitive to Al content variations and
consequently making properties highly sensitive to composition, particularly
Al content. Macroscopic segregation is mainly related to melting method and
parameter control, while microsegregation and texture are primarily related
to solidification reactions. Melting methods, especially industrial-scale melting
methods, are a critical link in establishing material supply chains and are of great
significance for 𝛾-TiAl alloy research and application. A famous example is the
difficulty GE encountered in the early 1990s when trial-producing CF6-80C low-
pressure turbine blades using the 4822 alloy. To ensure performance consistency
of 4822 alloy, Al content had to be controlled within $±$0.75 wt%, but the
vacuum arc remelting (VAR) technology of Howmet and Timet at that time
could only achieve $±$3 wt% Al uniformity. Due to insufficient composition
uniformity, GE had to develop a special heat treatment process to make cast
blade properties meet requirements [24]. Later, Allvac developed improved VAR
processes to meet GE’s Al content variation requirements, thereby establishing
industrial-scale melting technology for 4822 alloy and removing a major obstacle
to 𝛾-TiAl alloy application.

Currently, three main melting methods are suitable for 𝛾-TiAl alloys: VAR,
plasma arc melting (PAM), and induction skull melting (ISM). Each method
has advantages and disadvantages: VAR can melt large ingots but cannot easily
eliminate high- and low-density inclusions; PAM can eliminate high- and low-
density inclusions but may entrap gas bubbles and is not suitable as the final
melting method; ISM provides uniform composition but small ingot size and low
superheat, generally only about 20 °C. Therefore, for wrought alloys requiring
large ingots, VAR should be used for the final melting; for component casting,
only ISM can be used. Possible melting combinations for wrought alloys are:
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VAR + VAR (+VAR), or PAM + VAR, or ISM + VAR. For precision casting,
possible combinations are: VAR (+VAR) + ISM, or PAM + ISM. The melting
steps in parentheses are optional depending on specific quality requirements for
the alloy ingot.

In terms of alloy quality and economics, using PAM for the first melting is the
best choice for both wrought alloys (with final melting by VAR) and master alloy
preparation for casting (with final melting by ISM). The composition variation
from center to edge in PAM ingots is not a major issue because it can be further
homogenized during final melting, but macroscopic segregation from head to
tail cannot be eliminated (VAR has a small molten pool and only partial melt-
ing; ISM requires cutting a master alloy ingot into several sections for casting
different parts). The volatile element Al is the most difficult to control, and as
a light element, its accurate quantitative analysis is also very difficult. Howmet’
s study of PAM ingots [92] showed that Al content analysis errors accounted
for 32% and 47% of the technical specification tolerance range for 45XD and
47WSi alloys, respectively, clearly making it difficult to meet control targets
(especially for 47WSi). Melting quality issues such as composition deviation are
also related to melting parameters including molten pool depth, melt residence
time, master alloy quality, and feeding method and speed [33]. For example, for
47WSi alloy [92], when fine-grained W-Al master alloy was used, the Al content
variation along a 2.5 m ingot length was 3.1 at%, whereas with coarse-grained
master alloy, the variation was only 0.6 at%.

The initial phase formed during solidification of 𝛾-TiAl alloys and its texture
are related to both composition and cooling rate. Experimental results from
Witusiewicz et al. [10] show that for Ti-Al binary alloys at conventional cooling
rates, 𝛽-solidification occurs below 45 at% Al, 𝛼 is the initial solidification phase
above 49 at% Al, and 𝛽 dendrites first form in the 45–49 at% Al range, followed
by 𝛼 formation through peritectic reaction. Based on results from De Graef
et al. [93], it can be inferred that secondary 𝛼 does not follow the Burgers
orientation relationship [43] with primary 𝛽. For the 4822 alloy, at high cooling
rates the [0001] direction of 𝛼 phase aligns with the heat flow direction, causing
the subsequently formed 𝛾{111} lamellar planes to be perpendicular to the heat
flow direction; at slow cooling rates, the direction parallel to heat flow becomes
<10-10>, causing 𝛾{202} planes to be perpendicular to heat flow. Johnson et
al. [94] therefore proposed that peritectic 𝛼 does not nucleate on primary 𝛽 but
solidifies directly from the melt.

The Ti-48Al alloy involves two peritectic reactions during solidification, resulting
in Al microsegregation as high as 9 at% over very short interdendritic distances
[95], due to slow diffusion in the peritectic 𝛼 phase. In contrast, 𝛽-solidifying
alloys such as Ti-45Al have much less microsegregation because the diffusion
coefficient in 𝛽 phase is two orders of magnitude higher than in 𝛼 phase, making
the alloy solidify closer to equilibrium [96]. However, the situation is quite
different for the also 𝛽-solidifying Ti-45Al-8Nb alloy, where microsegregation
exists during 𝛽-phase solidification due to the difficulty of Nb diffusion.
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In addition to controlling composition segregation, the significance of studying
solidification reactions lies in seeking approaches to refine as-cast grain struc-
tures. Solidification paths and subsequent solid-state transformations determine
the microstructure, while the size and shape of grains and lamellar colonies
depend on competitive growth of primary and peritectic phases, solidification
conditions, and nucleation modes and kinetics of solid-state transformations.
For binary Ti-Al alloys, Al content affects dendrite size but not significantly.
Experimental results [97] show that dendrite size has a minimum at 47 at%
Al, while nucleation and constitutional undercooling models assuming a 2 K
undercooling predict a composition range of 46.1–48.6 at% Al for coexistence of
primary 𝛽 and peritectic 𝛼 [33], consistent with experiments. Phase-field simu-
lation results from Eiken et al. [98] indicate that for peritectic alloys, reducing
nucleation undercooling can refine grains. For casting processes, the only con-
trollable solidification condition is cooling rate, typically adjusted by controlling
mold preheat temperature.

2.4 Hot Working
Hot working utilizes principles of deformation, recrystallization, and phase trans-
formation to break up solidification structures, heal solidification defects, control
texture, optimize properties, and even prepare component blanks from ingots or
powder metallurgy preforms. Applicable breakdown processes for 𝛾-TiAl alloys
are mainly isothermal or near-isothermal forging and hot extrusion, with billets
requiring hot isostatic pressing and most alloys needing canning. Secondary
hot working or forming processes mainly include die forging and rolling. Ap-
pel et al. [33] summarized reported hot deformation experiments, finding that
deformation of cast and coarse-grained alloys is controlled by dislocation climb
and dynamic recrystallization, while fine-grained billets obtained through de-
formation and recrystallization or powder metallurgy can also undergo grain
boundary sliding during deformation [99].

The hot working process that breaks down coarse solidification structures is
called breakdown. The vast majority of 𝛾-TiAl alloys have coarse 𝛾 + 𝛼2
lamellar structures after solidification. The two-phase deformation temperature
range for most alloys is 1100–1300 °C, significantly higher than for titanium
alloys (800–1000 °C), and lamellar structures are much more difficult to deform
than equiaxed structures. These characteristics make 𝛾-TiAl alloy breakdown
difficult to perform on conventional industrial equipment. Breakdown failures
generally occur in three ways: fracture, damage from grain boundary voids,
and failure from flow localization. Deformation in the low-temperature, high-
strain-rate region causes intergranular brittle fracture; in the low-temperature,
low-strain-rate region, wedge-shaped cracks easily appear at lamellar interfaces;
and in the high-temperature, low-strain-rate region, materials fail by ductile
void formation [100]. The main factor determining the transition from brittle
to ductile failure is dynamic recrystallization. Due to composition inhomogene-
ity and non-uniform recrystallization in lamellar structures, 𝛾-TiAl alloys are
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prone to flow localization and deformation failures such as shear bands.

Hot working in the 𝛼 single-phase region (generally above 1300 °C) can refine
grains, forming a fine fully lamellar microstructure upon cooling, but has two
disadvantages: First, the time spent in the 𝛼 single-phase region after hot work-
ing should be as short as possible to avoid grain growth, requiring high cooling
rates that are difficult to achieve for large components. Second, this microstruc-
ture is only suitable as a final microstructure; for intermediate billets requiring
further deformation or forming, it is unsuitable because fully lamellar structures
are far more difficult to deform than equiaxed or duplex structures.

Based on these considerations, most reported hot working of alloys has been
conducted in the 𝛾 + 𝛼2 two-phase region. Dynamic recrystallization of 𝛾 is
accompanied by spheroidization of 𝛼2, inevitably involving interphase transfor-
mation. The grain boundary migration rate of ordered phases can be two orders
of magnitude lower than in disordered alloys [101,102], making recrystallization
much slower than in disordered alloys. Semiatin et al. [103] showed that for a
given deformation strain, the volume fraction undergoing recrystallization and
spheroidization increases with decreasing strain rate, and the recrystallized vol-
ume fraction increases with temperature [104,105]. In other words, in addition
to avoiding forging cracking, high temperatures and low strain rates are also
required to fully break down and transform coarse as-cast structures through
recrystallization. Imayev et al. [106,107] and Fröbel et al. [108] observed that
dynamic recrystallization first occurs at lamellar colony boundaries, forming
a pearl necklace morphology. For coarse as-cast lamellar structures, deforma-
tion is extremely inhomogeneous, producing highly localized deformation bands
that can even penetrate the entire workpiece, with fine equiaxed 𝛾 grains or
fine two-phase mixed grains forming within the bands. Outside the bands,
deformation stored energy is very small and recrystallization proceeds slowly.
For hard-oriented grains with lamellar planes parallel to the loading direction,
the lamellae become unstable through bending and kinking. These inhomoge-
neous local deformations and dynamic recrystallization are responsible for the
dynamic softening observed in stress-strain curves. Sun Wei [109] used hot com-
pression experiments to simulate the isothermal forging process of two alloys,
systematically studying the breakdown process of the original coarse lamellar
structure by varying temperature, strain rate, pass reduction, and inter-pass
holding time. [Figure 4: see original paper] shows the microstructure of Ti-47Al
alloy after single-pass compression to 70% at 1200 °C, with the compression
direction vertical. Lamellae perpendicular to the compression direction at the
bottom have fragmented; inclined lamellae at the top remain largely intact but
show microcracks at lamellar interfaces (arrows); the intermediate region at
two colony boundaries has undergone recrystallization. The results show that
spheroidization of 𝛼2 lags behind recrystallization of 𝛾, and both depend on
strain and lamellar orientation. Grains with lamellae perpendicular to the load-
ing direction are most prone to recrystallization; inclined lamellae are more
stable, possibly because dislocation slip parallel to lamellar interfaces accommo-
dates strain, but these grains eventually rotate to approximately perpendicular

chinarxiv.org/items/chinaxiv-202303.00505 Machine Translation

https://chinarxiv.org/items/chinaxiv-202303.00505


to the loading direction through grain boundary sliding; lamellae parallel to the
loading direction undergo bending, kinking, and fracture to achieve fragmenta-
tion and spheroidization. [Figure 5: see original paper] schematically illustrates
the observed recrystallization and spheroidization process [109].

Hot extrusion is another common breakdown method. Since dies are not heated,
canning and insulation layers must be used to ensure temperature consistency
in the billet. Main considerations for hot extrusion include: matching of can
and billet strength at extrusion temperature; temperature rise in the billet cen-
ter due to deformation heating; banded structures along the extrusion direction
caused by composition inhomogeneity; and deformation texture. Overall, hot
extrusion offers better controllability than isothermal forging, resulting in better
property consistency. Like unidirectional isothermal forging, mechanical prop-
erties are anisotropic, possibly arising from microstructural anisotropy such as
deformation band direction and elongated grain shape, or from deformation
texture [110,111]. For axisymmetric billets (e.g., cylindrical billets forged into
drum shapes or extruded into round bars), texture is not obvious, but the mi-
crostructure is anisotropic, mainly with lamellar planes perpendicular to the
forging direction and parallel to the extrusion direction, leading to anisotropic
mechanical properties [110,111]. This anisotropy can be utilized to manufacture
certain rod-shaped components, such as high-performance automotive engine ex-
haust valves that can be directly machined from extruded round bars. [Figure
6: see original paper] shows 𝛾-TiAl alloy exhaust valves and extruded preforms
manufactured by the Institute of Metal Research, Chinese Academy of Sciences
for Ilmore Automotive Engine Company in the UK.

For cross forging or non-circular section extrusion, texture inevitably changes.
Only by tracking deformation steps and texture evolution in detail can the
variation of microstructure and mechanical properties with orientation be fully
understood, but few studies have been reported. Liu et al. [112] performed
rectangular-section two-phase region hot extrusion of 4722-0.15B alloy and sys-
tematically studied the evolution of microstructure, texture, and mechanical
properties in the as-extruded and heat-treated conditions. [Figure 7: see orig-
inal paper] schematically summarizes texture evolution during extrusion and
heat treatment [112]. The texture of 𝛾 phase at the extrudate surface (mid-
width position) differs greatly from that at the center: the center is dominated
by 𝛽-fiber texture composed of Copper, S, and Brass components, while the
surface is dominated by 𝛼-fiber texture composed of Brass and B/G auxiliary
components. Both surface and center undergo recrystallization during extrusion,
but the surface has a higher recrystallized volume fraction. The rich texture
formed in the 𝛾 phase reflects the non-uniform deformation, phase transforma-
tion, and recrystallization processes it experiences. The presence of C-twin, Y,
and Z texture components in the surface region indicates that mechanical twin-
ning and shear bands occurred at the extrudate surface. The B/G auxiliary
component is a transition component from deformation to cube recrystalliza-
tion texture. An unresolved question in fcc metal recrystallization is whether
cube texture components originate from oriented nucleation or oriented growth

chinarxiv.org/items/chinaxiv-202303.00505 Machine Translation

https://chinarxiv.org/items/chinaxiv-202303.00505


[113,114]; the existence of B/G auxiliary components provides direct evidence
for the oriented nucleation theory. The Brass texture component in the center
results from 𝛼-phase transformation caused by deformation overheating. The
texture of 𝛼2 phase at both surface and center is similar, dominated by {10-10}
<11-20>, which forms {0001} <10-10> components through oriented-growth
recrystallization after 𝛼-phase solution treatment. This oriented-growth recrys-
tallization texture provides a new method for grain refinement: since most 𝛼-
phase grains have low-angle boundaries after recrystallization and grow slowly
during primary recrystallization, only accelerating during secondary recrystal-
lization, controlling heat treatment time between the two recrystallization stages
can achieve 𝛼 solution treatment while avoiding rapid grain growth, obtaining
a desirable fine-grained fully lamellar microstructure after cooling. These re-
sults show that for non-circular section extrusion, in addition to microstructural
anisotropy, texture-induced anisotropy is also an important cause of mechanical
property anisotropy.

2.5 Properties
The main properties determining the high-temperature application temperature
potential of 𝛾-TiAl alloys are creep and oxidation resistance, while fatigue char-
acteristics and fracture toughness determine stress levels and service life. Al-
though it is difficult to improve the room-temperature ductility of these mate-
rials, ensuring a minimum value is necessary for machining, assembly, and pre-
venting component fracture from local stress concentration. This article does
not specifically discuss high-temperature strength, room-temperature ductility,
and deformation mechanisms, but focuses on three property categories closely
related to applications: creep, oxidation, and fatigue/fracture.

2.5.1 Creep

Many reviews on 𝛾-TiAl alloy creep have been published [33,115,116]. Among
various microstructures, fully lamellar microstructures exhibit the best creep
performance [117,118]. Creep in 𝛾-TiAl alloys differs from that in conventional
metals in several ways: the primary stage strain is large; there is almost no sec-
ondary (steady-state) creep stage; and the tertiary stage can be very long. Thus,
despite long creep life, creep deformation can be excessive, which is unfavorable
for manufacturing components with high dimensional accuracy. Only a mini-
mum creep rate can typically be measured between the primary and tertiary
stages. Steady-state creep in metals results from a sustained balance between
work hardening and dynamic recovery, with dislocation substructures fully de-
veloping during this stage. However, in 𝛾-TiAl, no dislocation substructures
form; only uniformly distributed ordinary dislocations and deformation twins
are observed [119,120]. Multiple mechanisms act simultaneously in the complex
microstructure of 𝛾-TiAl alloys, making creep rate control mechanisms diffi-
cult to identify. The stress exponent factor increases continuously with stress,
rendering model analysis non-predictive and non-guiding.
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Numerous studies show that microstructure is the dominant factor determining
creep characteristics of lamellar 𝛾-TiAl alloys. First, creep rate does not change
significantly with grain size (especially when grain size is large) [121], but grain
boundary morphology has an obvious effect, with interlocking serrated grain
boundaries significantly reducing creep rate. Second, creep rate is insensitive to
𝛼2-phase volume fraction but very sensitive to lamellar thickness, particularly
under high-stress conditions, where fine lamellae significantly reduce creep rate.
However, overly thin lamellae are unstable and prone to phase transformation.
Under low stress, the effect of lamellar thickness is not obvious due to dynamic
recrystallization and lamellar interface sliding. Third, creep rate is sensitive to
lamellar orientation, with hard orientations showing significantly higher creep
resistance than soft orientations [122].

Tertiary creep strains in 𝛾-TiAl alloys are typically as high as 15–25%, with
mechanisms not limited to voids and necking (which only operate before frac-
ture in 𝛾-TiAl alloys) but also including dynamic recrystallization [123], defor-
mation bands [124], grain boundary sliding [125], and 𝛼2 → 𝛾 transformation
[126]. Among these processes, dynamic recrystallization and phase transforma-
tion appear to dominate [33].

Since 𝛾-TiAl alloys have low primary creep resistance, with creep strains po-
tentially exceeding design allowable values under some application conditions,
reducing primary creep rate has been an important research focus for the past
20 years. Studies [127] show that lamellar interface dislocation sources and pre-
existing dislocations are the main reasons for high primary creep rates in fully
lamellar microstructures. As interface sources gradually become exhausted, the
primary creep rate decreases. An interesting phenomenon is that primary creep
strain is stress-dependent [128]; only above a certain critical stress does primary
creep increase rapidly. Adding elements such as C, O, and N to form precipitates
at lamellar interfaces that hinder dislocation source operation, and alloying with
refractory metals to increase the critical stress, are effective means to improve
primary creep resistance of 𝛾-TiAl alloys.

2.5.2 Oxidation

High-temperature oxidation of 𝛾-TiAl alloys appears relatively simple but is
actually a very complex physical and chemical process. Oxidation resistance
fundamentally depends on the formation and competitive growth of 𝛼-Al2O3
and various Ti oxides such as TiO2, as well as the influence of chemical com-
position, phase constitution, microstructure, atmosphere, temperature, surface
mechanical and chemical state, and diffusion elements and pathways on the
competitive reactions. Multiple mechanisms operate simultaneously or sequen-
tially in this complex system, causing oxidation reactions to change with time
and sample depth, possibly accompanied by the generation and disappearance
of various transition states and metastable phases.

Due to different experimental details, different researchers often obtain seem-
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ingly contradictory results for the same problem. For example, Taniguchi et
al. [129] found that water vapor significantly accelerates oxidation of Ti-50Al,
while Brady et al. [130] found that water vapor has little effect on oxidation of
alloys forming Al2O3 layers, and Zeller et al. [131] concluded that water vapor
effects depend on the relative contents of TiO2 and Al2O3 in the oxide layer. For
the same element, its effect on oxidation performance is also stage-dependent:
Cr promotes Al2O3 formation in the first stage, beneficial for oxidation resis-
tance, but accelerates Al2O3 decomposition in the second stage, accelerating
oxidation [132]. N has the opposite effect, interfering with Al2O3 formation
by forming TiN in the first stage, detrimental to oxidation resistance, but if a
relatively continuous nitride layer can form later, it can slow internal oxidation
in the subsurface layer and reduce Al2O3 layer dissolution [132,133]. To date,
the only undisputed alloying element is Nb, with all reported results agreeing
that Nb improves oxidation resistance of 𝛾-TiAl alloys.

Given the complexity of oxidation in 𝛾-TiAl alloys and the difficulty of exper-
imentally studying each mechanism, theoretical investigation is necessary to
understand these mechanisms and oxidation reaction details. First-principles
calculations help understand thermodynamic and kinetic processes of oxidation
reactions. For the simplest case of pure Ti, its excellent corrosion resistance
originates from the TiO2/Ti system, while calculations show this system has
higher energy than several lower oxides TiO2��, making the oxide film a diffusion-
controlled non-equilibrium structure [134]. In fact, these lower oxides have all
been observed in early oxidation stages of 𝛾-TiAl [135]. Fundamental issues in
𝛾-TiAl oxidation include: O atom adsorption behavior, effects of alloy atoms
on Ti-O and Al-O bonds, and effects of alloying on oxide film growth. Song et
al. [136] showed that except for Al atom-covered (001) surfaces, O atom adsorp-
tion at other positions makes O-Ti bonds stronger than Al-O bonds, but when
TiO2 already exists, Al-O bonds become stronger than O-Ti bonds [137], favor-
ing Al2O3 layer formation. This is consistent with experimental observations
that 𝛾-TiAl surface oxide films consist of TiO2, while subsurface layers consist
of Al2O3 + TiO2 [138]. Calculations [137] show that Nb atoms on 𝛾-TiAl sur-
faces cause O to leave TiO2 and bond with Al, which should be the fundamental
reason for Nb improving oxidation resistance of 𝛾-TiAl alloys. Calculation re-
sults for oxidation energies [139] show that most elements except Sc reduce the
stability of both Al2O3 and TiO2. Co, Ni, Cu, and Zn increase the stability
of Al2O3 relative to TiO2, while Nb, Mo, W, and Re have the opposite effect.
Excessive stability of Al2O3 may lead to columnar growth, making it difficult to
form a continuous oxide film, while lower stability Al2O3 grows more laterally,
hindering internal oxidation and thereby improving oxidation resistance.

The vast majority of oxidation studies use air or O2 or oxidizing atmospheres,
with only one study using a simulated combustion atmosphere [140]. Results
show that as long as a continuous Al2O3 film forms on the surface, oxidation
resistance in simulated gas is better than in air. Kumagai et al. [141] found that
halogen elements on 𝛾-TiAl alloy surfaces can promote formation of continuous
Al2O3 films, with F being more effective than Cl [142].
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An important issue related to oxidation is thermal stability after exposure at
service temperatures (e.g., 650–700 °C), namely the room-temperature embrittle-
ment problem, for which various explanations have been proposed. The French
National Aerospace Research Center conducted more systematic research on this
[90], showing that embrittlement after long-term thermal exposure is caused by
a brittle surface layer (including oxide layer, Al-depleted layer, and Nb-rich
precipitates), while embrittlement after short-term thermal exposure is related
to the combined effects of: oxygen-enriched surface, hindered mechanical twin
extension at the surface, and residual stress gradients from cooling. Although
halogen elements can improve oxidation resistance, they seem ineffective for
solving surface embrittlement [33].

2.5.3 Fatigue and Fracture

For intrinsically brittle intermetallic compounds, fracture and crack propaga-
tion behavior fundamentally depend on: atomic-scale bond strength determined
by alloying; interaction between cracks and defects such as dislocations, twins,
grain boundaries, and phase boundaries; and environmental parameters includ-
ing temperature, loading rate, and atmosphere.

Numerous studies [143–145] show that single-phase 𝛾 alloys are extremely brit-
tle, with fracture toughness much lower than two-phase alloys. This is mainly
because d-electron hybridization with anisotropically distributed p-electrons in
the 𝛾 phase leads to extremely strong directional bonding [146–148]. Among
two-phase alloys, fully lamellar microstructures have significantly higher fracture
toughness (25–30 MPa・m1/2) than duplex microstructures (9–17 MPa・m1/2).
For fully lamellar microstructures, coarse-grained alloys have better toughness
than fine-grained ones, but lamellar thickness has no obvious effect [145]. The
effects of these microstructural parameters and lamellar orientation on fracture
toughness stem from crack-lamellar interface interactions.

Theoretical studies by Yoo et al. [149,150] show that the lowest cleavage
strengths are for (100)𝛾, (111)𝛾, and (0001)𝛼, while (111)𝛾 || (0001)𝛼 is exactly
the lamellar interface. Therefore, when the crack plane is parallel to lamellar
interfaces, fracture toughness is very low, only about 3.3–4.3 MPa・m1/2

[151,152]. This indicates that if fully lamellar microstructures develop texture
due to hot working or casting, fracture toughness will be significantly affected.

Generally, crystal defects generated by deformation such as twins and disloca-
tions more or less hinder cracks, but this depends largely on local crystallo-
graphic orientation and is difficult to verify experimentally at the macroscopic
level. Indirect evidence for dislocations hindering crack propagation is provided
by observations of increased fracture toughness after pre-deformation introduces
large numbers of dislocations [153].

With increasing temperature, plastic blunting at crack tips becomes more signif-
icant, and fracture toughness increases. For most materials, increasing loading
rate causes crack tip dislocation motion to gradually fall behind crack propaga-
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tion speed, leading to decreased toughness. However, the opposite trend was
observed in room-temperature testing of 𝛾-TiAl alloys [154], explained as an
environmental effect: hydrogen embrittlement reduces toughness at low loading
rates, while at high loading rates the crack surfaces are fresh and thus have
higher toughness.

In early studies, Sastry and Lipsitt [155] found that fatigue strength of 𝛾-TiAl
was insensitive to temperature from room temperature to 700 °C. The shape of
fatigue limit vs. cycles curves depends on microstructure type [156], but all are
above 75% of ultimate tensile strength. This conclusion is independent of mate-
rial strength and therefore holds for high-strength alloys. In most cases, fatigue
cracks originate from the surface, so surface machining condition, stress distri-
bution, and defect nature have obvious effects on fatigue resistance [157,158].
Overall, non-sharp cracks are not a major problem for 𝛾-TiAl alloys. For long
cracks, damage tolerance methods based on threshold values are also applica-
ble [159,160], but for short cracks smaller than microstructural units, threshold
methods fail [161].

Low-cycle fatigue performance is mainly related to alloy composition. Umakoshi
et al. [162] studied PST (polysynthetically twinned) crystals and found that as
Al content decreases, lamellar thickness decreases, and material strength and
low-cycle fatigue resistance increase. For the three second-generation alloys
with near-fully lamellar microstructures, 45XD has the best low-cycle fatigue
performance, 4822 is intermediate, and 48WSi is the lowest. Since duplex mi-
crostructures have better room-temperature ductility than fully lamellar mi-
crostructures, their low-cycle fatigue performance is also superior [163].

Due to the low room-temperature ductility of 𝛾-TiAl alloys, few low-cycle fatigue
studies have been reported. Gloanec et al. [164] studied as-cast 4822 alloy and
found that at low strain amplitudes, the deformation structure consists mainly
of ordinary dislocations with minimal initial hardening; at medium strain am-
plitudes, vein-like substructures form; and at high strain amplitudes, the defor-
mation structure is twin-dominated with significant cyclic strain hardening. At
750 °C, the deformation structure consists of curved long dislocations, indicat-
ing that cross-slip and climb mechanisms are activated. High temperature also
causes recovery of the deformation structure, with competition between disloca-
tion tangle and loop annihilation and loop expansion, leading to disappearance
of strain hardening and even strain softening [164]. Under high-temperature
cyclic conditions, stress-induced phase transformation and recrystallization oc-
cur more readily [165,166], with 𝛼2-phase dissolution and precipitation of 𝛾 or
other metastable phases.

Since defects in 𝛾-TiAl alloys are inevitable and blades and other components
suffer foreign object damage during service, understanding crack propagation
laws to predict remaining life is very important. Microstructure has a signifi-
cant effect on crack propagation; lamellar microstructures provide the greatest
resistance to long crack propagation, and coarse-grained alloys are better than
fine-grained ones (due to more significant crack closure effects in coarse grains).
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Overall, at low growth rates, microstructure effects are relatively small, but dif-
ferences become obvious when fatigue crack growth rate da/dN > 10−8 m/cyc
[167].

Vacuum environment test results [168] show that the effective crack propagation
threshold value corrected by elastic modulus remains unchanged with temper-
ature. Environmental effects mainly change the shape of the da/dN curve,
reducing the threshold value and increasing the slope. The most important en-
vironmental factor is water vapor, which adsorbs at crack tips, decomposes, and
causes hydrogen embrittlement [167].

Although coarse lamellar microstructures have the highest crack propagation
threshold values, this concept applies to long crack propagation and is difficult
to apply to short cracks. Short cracks can propagate below the threshold value
and at higher speeds. For duplex microstructures, an effective crack propagation
threshold value lower than the long crack threshold can be obtained, which is
useful for design [169]. For lamellar microstructures, such an effective threshold
cannot be established [170] because crack propagation resistance along lamellar
interfaces is very low [151,152]. Therefore, although coarse lamellar microstruc-
tures have the highest crack propagation threshold values, considering short
crack initiation and propagation comprehensively, fine lamellar microstructures
provide better fatigue life.

2.6 Forming
Forming is the process of making components or their blanks from some form
of preform. For wrought alloys, forming can be considered tertiary process-
ing, including processes such as die forging and rolling + superplastic forming.
For cast alloys, forming is secondary processing beyond master alloy melting.
Powder metallurgy processes are more complex; near-net-shape hot isostatic
pressing and 3D printing can be considered secondary processing, but this sec-
ondary processing method can also first be used to prepare powder metallurgy
billets, followed by tertiary processing such as isothermal forging, extrusion, or
rolling. Obviously, structural component manufacturing costs increase propor-
tionally with processing chain length and complexity, which is the main obstacle
preventing widespread application of wrought 𝛾-TiAl alloys. The deformation
processes used in forming are not fundamentally different from hot working in
principle and will not be discussed further here. Only two relatively low-cost
near-net-shape processes that do not require further deformation are briefly dis-
cussed: precision casting and powder metallurgy + hot isostatic pressing.

2.6.1 Precision Casting

Applicable precision casting methods for 𝛾-TiAl alloys [33,171] depend on com-
binations of melting method, pouring method, and mold material, with many
variations. Melting methods include induction melting (ceramic or water-cooled
metal crucibles; ceramic crucibles can achieve high superheat but are unsuitable
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for critical applications such as aerospace components due to contamination and
inclusions; metal crucibles can achieve melt suspension at high power, also called
levitation melting) and skull melting. Pouring methods include static gravity,
counter-gravity, suction casting, and centrifugal (horizontal and vertical, each
subdivided into pour and spin-off types). Mold materials include reusable metal
molds and single-use ceramic molds. The use of ceramic molds is also called in-
vestment casting, the most widely used type in precision casting. Only casting
methods reported in the literature for aeroengine turbine blades are briefly dis-
cussed here.

Currently, PCC Precision Castparts uses gravity casting for 4822 alloy low-
pressure turbine blades for GEnx engines, with blades designed oversize re-
quiring machining [49,50]. Meanwhile, GE is also developing net-shape blade
forming processes, with simulation results for a horizontal spin-off centrifugal
precision casting process reported in [49]. The European IMPRESS project sup-
ported development of a vertical spin-off centrifugal casting process [172]. These
new processes have distinctive technical features, but reports on yield, defect
statistical characterization, and batch production cost analysis and control are
not yet available.

The Institute of Metal Research, Chinese Academy of Sciences and Germany’
s ACCESS Company have successively developed a pour-type horizontal rota-
tional centrifugal casting process for 𝛾-TiAl alloy turbine blades, which is the
precision casting process most widely used for conventional materials and has
the greatest potential for cost reduction. It should be noted that although these
casting technologies differ in process details, they are all investment casting pro-
cesses. For 𝛾-TiAl alloy turbine blade manufacturing, the process is extremely
complex, all including four parts: master alloy preparation, mold preparation,
casting, and quality inspection and control. [Figure 8: see original paper] shows
the main steps of these process links [173].

Due to the high chemical activity of Ti, casting of 𝛾-TiAl alloys must use oxides
more stable than Ti oxides for mold face coats to minimize interstitial element
contamination and inclusions. Near the melting point of 𝛾-TiAl alloys, only
three element oxides meet this requirement: Ca, Th, and Y. CaO is hygroscopic,
ThO2 is radioactive, and in practice only Y2O3 can be used. Preparing Y2O3
face coats with high chemical, mechanical, and thermal stability is one of the
key technologies for precision casting of 𝛾-TiAl alloys.

Due to the long length, wide chord, thin trailing edge, large camber, and high
requirements for metallurgical quality, mechanical properties, and dimensional
accuracy of low-pressure turbine blades in large-thrust, high-bypass-ratio en-
gines, they are among the most difficult precision castings. For net-shape cast-
ing, the most common defects include: incomplete filling of the trailing edge,
inclusions, gas pores, and surface porosity. Casting processes involve trade-offs
and optimization of more than a dozen parameters. Only by using highly stable
mold face coats can the above four types of defects be eliminated [72]. [Figure
9: see original paper] shows a 𝛾-TiAl alloy low-pressure turbine blade man-
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ufactured by centrifugal precision casting at the Institute of Metal Research,
Chinese Academy of Sciences, which has completed 1,750 simulated flight cycle
tests covering one major overhaul cycle on Rolls-Royce’s Trent XWB engine.
[Figure 10: see original paper] shows a piston for a new concept automotive
engine from General Motors manufactured by centrifugal precision casting.

As previously mentioned, alloy design and master alloy preparation are pre-
requisites for obtaining high-quality precision castings. 𝛾-TiAl alloys suitable
for precision casting should have the following characteristics: fine grains not
overly sensitive to cooling rate, no texture, microstructure insensitive to small
composition fluctuations, and no need for complex heat treatment. From these
requirements, 𝛽-solidifying alloys are more suitable for casting applications than
peritectic reaction alloys, provided mechanical properties meet requirements.

Appel et al. [33] provided an example where microstructure is sensitively depen-
dent on composition. When casting automotive turbocharger impellers with
Ti-45Al-5Nb-0.2B-0.2C alloy, two completely different microstructures were ob-
tained from the same batch. Analysis showed this difference originated from
a small composition fluctuation (only 0.3 at%), causing the two impellers to
follow 𝛽-solidification and peritectic reaction solidification paths, respectively.
This demonstrates that this alloy is not particularly suitable for casting appli-
cations.

B is a grain-refining element widely used in 𝛾-TiAl alloys. Depending on alloy
system and phase equilibrium, various boride structures can form. The grain
refinement mechanism of B is complex and was briefly discussed earlier. First,
for alloys with TiB2 addition [73], unmelted TiB2 particles can serve as nucle-
ation sites for primary phases to refine grains. Second, in 𝛽-solidifying alloys,
low B content can form borides that provide 𝛼 nucleation sites from 𝛽 transfor-
mation to refine grains [76]. Notably, this grain refinement mechanism becomes
more significant as cooling rate decreases [174], making it possible to maintain
fine grain structures in castings under the moderate cooling rates of investment
casting. However, this refinement method reduces ductility when adjacent fine
lamellar grains have similar orientations [175]. Third, borides distributed at
grain boundaries can limit grain growth [176].

As McQuay and Sikka [171] pointed out, casting of new materials such as 𝛾-TiAl
alloys is a systems engineering problem requiring comprehensive consideration
from component design and technology development to quality control and sup-
ply chain establishment. The narrow sense of“castability”usually refers to the
ability of melt to fill mold cavities, while the broad sense of“castability”should
be the optimal process obtained through joint efforts of aeroengine designers,
materials scientists, and casting engineers based on comprehensive balancing of
weight reduction effects, performance improvement, and cost [171], with paths
and plans for improving technology readiness and production maturity designed
from the initial stages of research and development.
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2.6.2 Powder Metallurgy + Hot Isostatic Pressing

As a near-net-shape method, powder metallurgy offers advantages of uniform
composition, fine and uniform grains, no texture, and low property scatter [177].
For extremely difficult-to-deform materials like 𝛾-TiAl alloys, using powder met-
allurgy preforms has two additional advantages: avoiding breakdown deforma-
tion and significantly improving material utilization. Aerospace applications
require high-quality pre-alloyed powders, which have two main disadvantages
or risks: first, some electrode-based powder production methods have high re-
quirements for electrode composition uniformity; second, gas atomization-based
powder production methods can entrap gas in some powder particles, particu-
larly large ones, and evidence shows these gas bubbles adversely affect super-
plastic deformation of sheet materials [178]. Due to the chemical activity of Ti,
preparation of 𝛾-TiAl alloy powders must avoid ceramic inclusions and intersti-
tial element contamination; powder preparation, storage, transfer, and handling
must all be conducted in protective atmospheres.

During pre-alloyed powder preparation, rapid solidification of droplets is a non-
equilibrium process with insufficient or even suppressed diffusion, and incom-
plete 𝛼 → 𝛾 + 𝛼2 transformation, resulting in excessively high 𝛼2 volume frac-
tions in powders, more pronounced in fine powders and in He atmospheres due
to higher cooling rates [179]. Vacuum powder production methods such as ro-
tating electrode, due to slower cooling rates, also cause high 𝛼2 volume fractions
from Al loss. It should be noted that the former does not change composition
but is a non-equilibrium state that can be essentially eliminated by annealing
at 600 °C for 1 hour; the latter changes composition [180]. During hot isostatic
pressing of 𝛾-TiAl alloys in the 𝛼2 + 𝛾 two-phase region, the opposite change
occurs: the volume fraction of 𝛾 phase abnormally increases. Huang et al. [181]
explained this by the smaller“atomic volume”of 𝛾 phase compared to 𝛼2 phase,
so hydrostatic pressure conditions promote excess 𝛾 formation. B addition can
effectively prevent grain growth during hot isostatic pressing.

Although powders are handled in protective atmospheres, powder surfaces in-
evitably adsorb O2 and water vapor due to atmosphere purity issues. Oxides
formed on powder surfaces hinder metallurgical bonding between particles dur-
ing hot isostatic pressing, requiring appropriate HIP parameters to break surface
oxides and eliminate prior particle boundaries [182]. H2 from water vapor de-
composition can be effectively removed by vacuum degassing; degassed powders
after hot isostatic pressing show rotating bending fatigue life three times higher
at room temperature and two times higher at 650 °C compared to non-degassed
powders [183]. [Figure 11: see original paper] shows a 𝛾-TiAl alloy automo-
tive engine connecting rod manufactured by near-net-shape powder metallurgy
at the Institute of Metal Research, Chinese Academy of Sciences for General
Motors.

chinarxiv.org/items/chinaxiv-202303.00505 Machine Translation

https://chinarxiv.org/items/chinaxiv-202303.00505


3.1 Core Issues
After more than 30 years of research, 𝛾-TiAl alloys have finally emerged among
many structural intermetallic compounds and achieved application in key aero-
engine components, representing an important step forward. Application of new
materials, especially in high-risk components such as turbine blades, requires ex-
tensive knowledge and data support. In a sense, successful“insertion”of a new
material and its acceptance by industry marks a new starting point for research.
In the summary discussion of the Fifth International Conference on 𝛾-TiAl orga-
nized by TMS in early 2014, the following issues were raised: (1) How to further
improve the maturity of casting alloys and technologies that have already been
applied, increasing yield and reducing costs? (2) Wrought alloys have been
most thoroughly studied over the past decades, so why have they not achieved
large-scale application? Can further research remove obstacles and find a way
forward? (3) Can third-generation alloys with good comprehensive properties
be found? Can high-performance 𝛽-solidifying alloys achieve conventional forg-
ing and casting? (4) How to evaluate various new processes? How to ensure
composition and microstructure uniformity and consistency? What are the real
advantages and feasibility of new processes? (5) What new applications can be
expanded in the future, and what problems need to be solved?

3.2.1 Further Development of Casting Alloys and Technolo-
gies
The complexity of phase diagrams ([Figure 1: see original paper]) and the high
sensitivity of solidification microstructure to solidification conditions and alloy
composition, even more so for ternary and quaternary alloys, mean that phase
equilibrium data are still lacking even for alloys already in application. The
integrated computational approach advocated by the Materials Genome Initia-
tive [184] should be adopted to combine multi-scale computational simulations
to provide a framework for composition-phase-microstructure relationships, sup-
plemented by necessary experimental verification, to better understand solidi-
fication segregation and improve microstructure uniformity. For example, why
is the accurate position of the 𝛾/𝛾 + 𝛼2 phase boundary in [Figure 1: see orig-
inal paper] difficult to determine? As mentioned earlier, O solubility in the
𝛾 phase is about 0.03 at%, but O can dissolve 0.8–2.2 at% in the 𝛼2 phase
[86]. Such a large difference makes phase boundary position significantly af-
fected by O content, possibly causing different researchers to measure different
phase boundary positions. To clarify this issue, more accurate calculation and
experimental study of the Ti-Al-O phase diagram are needed. Another example:
although B refines grains, when adjacent fine lamellar grains have similar ori-
entations, room-temperature elongation is only 0.45% [175]. It is necessary to
clarify whether texture occurs in B-containing alloys and under what conditions
(alloy system, Al content, B content, boride type) texture appears.

chinarxiv.org/items/chinaxiv-202303.00505 Machine Translation

https://chinarxiv.org/items/chinaxiv-202303.00505


3.2.2 Challenges for Wrought Alloys
For difficult-to-deform alloys such as 𝛾-TiAl, using wrought processes means
very low material utilization and high cost, which is one of the main reasons
why wrought alloys have not achieved large-scale application. Although a large
amount of work has been reported over 40 years, systematic studies on some
basic issues are still lacking, such as the recrystallization process and mechanism
of the 𝛼 phase, details of microstructure evolution with two-phase region defor-
mation, and more importantly, the anisotropy of deformation microstructure
and properties. It is necessary to systematically characterize microstructure
and texture evolution with deformation steps, and on this basis obtain optimal
microstructures with minimum processing steps to reduce costs.

3.2.3 Design of Third-Generation Alloys
Second-generation alloys such as 4822 and 45XD are currently mainly used in ser-
vice environments at 650 °C (occasionally 700 °C). New-generation aeroengines
require increased turbine speeds (e.g., geared turbofan engines) and thus higher
stress-bearing capacity, or require increased application temperatures for better
fuel efficiency, both necessitating the development of third-generation 𝛾-TiAl
alloys with higher fatigue strength and creep resistance. In terms of tensile
strength, third-generation alloys are much higher than second-generation ones
([Figure 12: see original paper]) [185], but other more critical properties such as
oxidation and creep have not been systematically characterized and evaluated,
and comprehensive properties are still far from application requirements.

As mentioned earlier, alloys such as TNM mainly use refractory elements like
Nb and Mo for strengthening while exploiting the 𝛽 phase for high-temperature
deformation processing, then trying to eliminate the 𝛽 phase at the target ap-
plication temperature. Many fundamental issues remain unclear, such as the
effect of 𝛽 phase (and precipitated 𝜔 or 𝜔-like phases) on creep performance;
details of the interaction between creep and phase transformation; recrystalliza-
tion kinetics of ordered phases during creep and their effect on creep rate; and
evaluation of oxidation and environmental effects on creep life.

3.2.4 New Applications Based on New Technologies
The low ductility of 𝛾-TiAl alloys makes welding and joining very challenging.
Solving problems in diffusion bonding, brazing, electron beam welding, and laser
welding will expand the application range of 𝛾-TiAl alloys. Another technology
requiring in-depth study is directional growth of PST crystals of 𝛾-TiAl alloys
[186,187]; room-temperature elongation up to 10% can be obtained along the
growth direction, but there are three issues: first, strength is relatively low; sec-
ond, alloy compositions that can be grown as crystals are very limited; third,
methods for growing large crystals needed for components remain to be break-
through. Further optimization of growth processes can broaden the alloy com-
positions for PST crystals, such as 4722 alloy, where adjusting O content can
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achieve excellent comprehensive properties of room-temperature yield strength
>500 MPa, tensile strength >600 MPa, and elongation >5% [188]. Obtaining
large crystals with engineering application value remains challenging.

3.2.5 Suitability of New Forming Processes
Many new metal forming processes can help solve forming difficulties of 𝛾-TiAl
alloys, such as spark plasma sintering of pre-alloyed powders [189], which can
achieve one-step forming of components or billets with fine-grained fully lamel-
lar microstructures, but process parameters for thick-section components need
optimization, and comprehensive properties and property consistency require
further study. Laser-based rapid prototyping and other additive manufacturing
technologies were attempted for preparing 𝛾-TiAl alloys in the 1990s [190,191].
In recent years, with the rise of 3D printing technology, Europe and America
have conducted research with significant investment. The University of Texas
and University of California have successively studied electron beam printing
of 𝛾-TiAl alloys [192,193]; Turin Polytechnic University and Italian Aviation
Industry Group, together with Sweden’s Arcam Company, have used electron
beam powder bed technology to conduct in-depth research on preparing various
𝛾-TiAl alloys and blade/impeller mockups [194–196]; Germany is currently im-
plementing a research program on laser additive manufacturing of 𝛾-TiAl alloys
[197]. These 3D printing technologies for 𝛾-TiAl alloy preparation will undoubt-
edly promote progress in new-generation manufacturing methods. Although
progress has been rapid, many technical issues remain unresolved, such as prop-
erty consistency between different parts of the same workpiece and between
different batches, the contradiction between deposition quality and manufactur-
ing efficiency, and interlayer segregation caused by high electron beam scanning
speeds, all requiring further in-depth study [198].

The European Science Foundation’s Materials Science and Engineering Out-
look report published at the end of 2013 [199] listed nine key research topics,
with 𝛾-TiAl alloys and additive manufacturing technology ranking first and
second, respectively. Applying additive manufacturing technology to prepare
low-ductility 𝛾-TiAl alloy components is obviously more challenging. Various
3D printing technologies are still developing and need to mature [200,201]. The
closest to mature application are prototype mold manufacturing and non-critical
aerospace component manufacturing, while the most highly expected aerospace
critical component manufacturing remains technically challenging from a tech-
nical perspective, and cost reduction in batch production also needs to be ad-
dressed.
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